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By alloying metals with other materials, one can modify the metal’s characteristics,

or compose an alloy which has certain desired characteristics that no pure metal

has. The field is vast and complex, and phenomena that govern the behaviour of

alloys are numerous. Theories cannot penetrate such complexity, and the scope

of experiments is also limited. This is why the relatively new field of ab initio

computational methods has much to give to this field. With these methods, one can

extend the understanding given by theories, predict how some systems might behave,

and be able to obtain information that is not there to see in physical experiments.

This thesis pursues to contribute to the collective knowledge of this field in the light

of two cases. The first part examines the oxidation of Ag/Cu, namely, the adsorption

dynamics and oxygen induced segregation of the surface. Our results demonstrate

that the presence of Ag on the Cu(100) surface layer strongly inhibits dissociative

adsorption. Our results also confirmed that surface reconstruction does happen, as

experiments predicted. Our studies indicate that 0.25 ML of oxygen is enough for

Ag to diffuse towards the bulk, under the copper oxide layer.

The other part elucidates the complex interplay of various energy and entropy con-

tributions to the phase stability of paramagnetic duplex steel alloys. We were able to

produce a phase stability map from first principles, and it agrees with experiments

rather well. Our results also show that entropy contributions play a very important

role on defining the phase stability. This is, to the author’s knowledge, the first ab

initio study upon this subject.

Keywords: metal surfaces, oxidation, first principles calculations, duplex steels
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M. P. J. Punkkinen, H. Pitkänen, M. Alatalo, J. Kollár, B. Johansson, and L.

Vitos, High temperature oxidation of Fe-Al and Fe-Cr-Al: The role of Cr as a

chemically active element. Submitted to Corrosion Science (2010).



Abbreviations

a Acceleration

CPA Coherent Potential Approximation

d Differential operator

DFT Density Functional Theory

E Energy

es Surface energy

EMTO Exact Muffin Tin Orbital(s)

F Force

g Green function

GGA Generalized Gradient Approximation
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Chapter 1

Introduction

1.1 Motivation

In the course of human cultural evolution, major paradigm shifts in the techno-

logical and socioeconomic development have marched hand in hand with those of

materials science. The time when human cognition rose to such level that we can

talk about technology, albeit primitive, is referred to as the stone age. Early hu-

mans learned that with certain techniques, tools and weapons that rise the odds of

one’s own survival, and those of one’s family or tribe, can be constructed from the

materials available; stone, wood and bone. Different types of rock could be used for

different purposes, and that can be seen as primitive material technological research.

As the time when stone was the most important material of which early humans

constructed their tools is referred to as the stone age, so are all prehistoric ages

referred to by the material which dominated human life. After the invention of fire,

early man learned to refine bronze from certain ores. The relics of bronze age prove

that although many of the items found were utilitarian in nature, many were ritual

artefacts. These ritual artefacts were connected to the dominant form of religious

activity of bronze age, totemism. Totemism and it’s rituals led way to mysticism

and religions, which are argued to be a key component in the birth of cultures, and

a major influence leading to increased social activity. [1]

The discovery of smelting and forging iron lead to the agricultural revolution. This

in turn made it possible for big cities to be built, thus leading way to academia as

we know it. Alchemy of those times evolved into modern chemistry, bringing the

industrial revolution, and just a few centuries after that the last important paradigm

shift manifested, bringing us the computer age. The rest, as they say, is history,

and this is where we are now; materials science of our time has at it’s disposal vast

computational resources, and fast communication via the internet, making it possi-

13



14 CHAPTER 1. INTRODUCTION

ble for scientists to talk about hot topics of the day with virtually zero delay.

1.2 Functionalization of materials

Discoveries in the fields of nanoclusters and thin films have shown us that the size

(when it is atomistic in scale) of an object affects its electrical, chemical and magnetic

properties so much that we can think of the size of a nanocluster or the thickness of

a thin film as a third axis perpendicular to those two in the periodic table. When

we add to this the fact that we can alloy different elements together and construct

composite objects (such as carbon nanotubes on a metal oxide substrate, which

then works as a catalyst), the possibilities seem almost infinite. This is why theo-

retical understanding of the phenomena in atomistic size scales (nanometers) and

timescales of tens of femtoseconds is needed in order to make the functionalization

of such applications possible.

This is why ab initio computational methods, that have risen as the third important

approach in physics, along theory and experiments, are so invaluable; theories can-

not penetrate such complexity, and experiments can be measured in the timescales

of microseconds, at best. Also, there is information available one can see in an ab

initio simulation that is not visible in experiments, such as the electronic states of

every single electron.

Although this work is not directly related to complex functionalized systems, the

understanding this work provides adds understanding to the vast question portrayed

above. For example, in the engineering of thin films one has to understand how the

deposited material behaves on the substrate. When dealing with nanoclusters or

porous materials, understanding how the surface energy of the material changes as

a function of alloy composition or other factors is of crucial importance. Duplex

steels, a part of this thesis, have a very peculiar microstructure, and can be seen as

a functionalized material in their own right.

1.3 Theory on surface alloys

When metal is deposited on the surface of another metal, there are several possible

ways for it to react, depending on the species of the metals. The impurity atoms

may reside in the surface layer or have a tendency to diffuse further into the bulk,

and they may form separate islands or a pseudomorphic alloy. It has to be men-

tioned here that the entropy driven diffusion of the impurity atoms towards the bulk
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is usually very slow, and thus, in the time scale of oxidation phenomena, we can

assume the surface to be in an equilibrium state.

By measuring a characteristic called the surface energy curve the metal surface

alloys can be divided into four generic classes [2]. Figure 1.1 shows examples of the

four generic classes.

Figure 1.1: Schematic examples of the surface energy curves of all four generic
classes. (Surface energy per substrate atom versus the concentration x of the de-
posited adatom.)

The upper row of Fig. 1.1 stands as an example of cases where the segregation

energy is negative, des/dx < 0. The term es = es(x) is the surface energy per

surface atom and x is the percentual amount of admetal on the surface. In this

case the deposited material stays in the surface layer. The lower row shows a case

where the segregation energy is positive, des/dx > 0. In this case the deposited

material will eventually dissolve into the bulk. Another feature the surface energy

curve possesses is its curvature, which expresses the excess interactions between

the adatoms. ”Excess interactions” means interactions beyond that in an ideal

solution, where all atomic arrangements (alloyed or dealloyed) are equally stable. A

straight line connecting the surface energy of the clean surface (x = 0) and that of a

monolayer of deposited material (x = 1) represents the ideal solution behavior with

no excess interactions between the adatoms. This is seen in Fig. 1.1 as a broken line.

The difference between the straight line and the actual curve is the mixing energy
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of the random surface solution. When this is negative, corresponding to repulsive

excess interactions between the adatoms, surface alloying, stable or metastable,

occurs. The left column of Fig. 1.1 stands as an example of these occasions. When

the mixing energy is positive, corresponding to attractive excess interactions between

the adatoms, phase separation occurs. This means the adatoms form islands rather

than forming a surface alloy. The surface energy curve of this kind of surfaces is

seen in the right column of Fig. 1.1.

1.4 Oxidation of metals

Understanding of the nature of oxidation of metals has increased notably in recent

years, owing to the contributions of a large number of investigators, both experi-

mental and theoretical, who have provided a large quantity of information on this

complex subject. Increase in computational power has made it possible for these

phenomena to be studied via simulations, and since the automotive industry started

to supply cars with catalysators to reduce monoxide emissions, there has been a

drive to develop a more efficient catalytic materials. Since in many cases it is not the

metal that works as a catalyst, but the metal oxide [3], the theoretical understanding

of the oxidation of metals is of crucial interest from this viewpoint, too. Another

industrial application that increases interest towards theoretical understanding of

metal oxidation, is the future prospect of manufacturing better corrosion resistant

materials.

Oxidation of a solid metal surface almost always starts with what is referred to

as initial oxidation, that is, chemisorption/physisorption of O2 molecules to the sur-

face. After that, different kinds of surface oxides are formed. Then, the oxides

assume a macroscopic structure, the form and geometry of which depends the metal

and surface structure. For example, in the case of aluminum, a protective layer of

oxide is formed on top of the metal surface, that protects it against further oxida-

tion. Then again iron is known to rust, which means that over time, the oxide layer

penetrates further and further into the bulk. As iron oxide is very brittle compared

to iron, objects made of iron often disintegrate if left to rust long enough.

1.5 Steels

Steels are alloys that consist mostly of iron, and usually contain 1...2 atomic percent

carbon, depending on the grade. Carbon is the most common alloying material for

iron, but various other alloying elements are used. Varying the amount of alloying

elements, along with various ways of heat treatment, one can control qualities such

as the hardness, ductility, tensile strength, corrosion resistance, and electrical prop-
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erties of the resulting steel. Steels can assume various phases (ferrite, cementite,

austenite, pearlite, bainite, martensite and ledeburite), but for practical uses, they

are usually categorized based on their properties, that is, their potential uses. A

class of steels that is widely used in industry is carbon steels. These grades have

very little other alloying species than carbon. These grades are normally not stain-

less. These grades are used in industry, because they are hard and strong, but their

downside is their poorer ductility, and the fact that they are difficult to weld.

One of the best known classes of steels are stainless steels. They are an important

and widely used family of engineering materials, due to their desired characteristics,

the most important of which is their resistance to corrosion. Other desired charac-

teristics include low maintenance, relatively low cost and antibacterial properties.

Stainless steels also stay lustrous for a very long time, making them an attractive

choice for architects and jewelers. The main stainless groups are austenitic and fer-

ritic steels [4]. Stainless steels always contain minimum of 11% chromium content by

mass. When the Cr content of a steel exceeds this limit, a passive film of chromium

oxide is formed when the steel oxidizes. This oxide film prevents further surface

corrosion and blocks corrosion from spreading into the metal’s internal structure.

Maraging steels are iron alloys that possess superior strength and toughness with-

out losing malleability. Maraging steels are strong, but unlike carbon steels, they do

not derive their strength from carbon, but from intermetallic precipitates, the most

important of which is nickel. All maraging steels contain 15 to 25% nickel. Other

alloying elements include cobalt, molybdenum, and titanium.
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Chapter 2

Computational Methods

For the first part of this thesis, which involves the oxidation of Ag/Cu(100) surfaces,

we used the Vienna Ab-initio Simulation Package (VASP) [5, 6, 7, 8], with Vanderbilt

ultrasoft (US) pseudopotentials [9]. For the second part, about paramagnetic duplex

steel alloys, we used the Exact Muffin Tin Orbitals (EMTO) method [10, 11, 12],

implemented with the Coherent Potential Approximation (CPA) [13, 14]. In this

chapter both methods are presented and discussed.

In ab initio computational methods, one has to find the equations that govern the

behaviour of the system, namely, the electrons and the nuclei. The first approx-

imation almost all methods employ is to decouple the equations of motion of the

atomic nuclei from those of the electrons (Born-Oppenheimer approximation) [15].

Since the mass of the ion cores is about three orders of magnitude greater than the

mass of an electron, this approximation is well justified. One can then solve the

electronic system separately in the Coulomb potential of the fixed nuclei, treating

that potential as external to the system.

2.1 Density Functional Theory

Let us examine a system of N electrons in an external potential Vext(r). According

to the postulates of quantum mechanics, all properties of a stationary system can

be deduced from the Schrödinger equation

ĤΨ = EΨ, (2.1)

where Ĥ is the Hamiltonian operator, Ψ is the many-body wave function with all

the particle coordinates as variables and E the total energy of the system. The

Hamiltonian operator of the (electronic) system can be expressed as

19
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Ĥ = − h̄2

2m

∑

i

∇2
i +

∑

i

Vext(ri) +
1

2

∑

i 6=j

e2

|ri − rj|
(2.2)

where the first term gives the kinetic energies of the electrons, Vext(ri) is the external

potential, and the last term includes all electron-electron interactions. There are

methods that use the wave functions of electrons as their basic variables, and use

the variational principle to solve them. The Hartree and Hartree-Fock methods [16]

are the first ones of that kind, but due to their simplicity they fail to reproduce

the physical phenomena they are meant to model in many cases, and therefore they

are quite rarely in use. There is a group of so-called post-Hartree-Fock methods

that are based on the Hartree-Fock formalism, but which due to certain additional

corrections serve better as a simulation model. One such method is the configuration

interaction method, in which different electronic states are mixed together, which is

mathematically done by using linear combinations of Slater determinants. Another

important method of that kind it the Møller-Plesset perturbation method [17]. It

improves on the Hartree–Fock method by adding electron correlation effects by

means of Rayleigh–Schrödinger perturbation theory [18] [19]. The abovementioned

methods are rarely used in larger physical simulations, due to the long CPU time

and immense hardware required for the calculations.

2.1.1 Hohenberg-Kohn theorems

The success of Density Functional Theory (DFT) begun when Hohenberg and Kohn

suggested in 1964 that the many-body wave function was altogether too complicated

an entity to be dealt with according to the methods of the variational principle. They

theorized and later, in their work [20], proved that another, much simpler entity can

be chosen for the basic variable: the electron density which minimizes the total en-

ergy. The fundamental tenet of density functional theory is that the many-body

wave function, and therefore all properties of the system, are exactly defined by the

electron density of the system. This means that if the ground state electron density

is known, everything else can be defined as an exact functional of the electron den-

sity. This means an enormous simplification of the problem, because instead of the

many-body wave function Ψ(r1, r2, · · · , rN), which is a function of 3N variables, we

only need to solve the ground state electron density n0(r), a function of 3 variables.

The original works by Hohenberg and Kohn [20] and of Mermin [21] proved that the

ground state electron density can be used as the basic variable, but they provide no

means for calculating it. If it were not for the work of Kohn and Sham, the whole of

density functional theory would have most likely remained no more than a curiosity.
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2.1.2 The Kohn-Sham Ansatz

It is impossible to analytically solve the electronic density of a system of many

atoms, so once again, we have to change the question. The idea of the Kohn-Sham

theorem [22] is to replace the difficult interacting many-body system obeying the

Hamiltonian with a different auxiliary system that can be solved more easily. This

leads to independent-particle equations for the non-interacting system with all the

difficult many-body terms incorporated into an exchange-correlation functional of

the density. Thus the total energy of the original system can be calculated in three

parts: One is the kinetic energy of the non-interacting electrons, one is the external

potential (created by the ion cores) and the remainder term called the exchange-

correlation energy which incorporates all many-body effects.

Kohn and Sham postulated that the total energy of the electronic system Ee[n(r)]

could be written in the form

Ee[n(r)] = Ts[n(r)] + EH[n(r)] + EXC[n(r)] + Eext[n(r)] (2.3)

Ee[n(r)] = Ts[n(r)] +
1

2

∫∫

n(r)n(r′)

|r− r′| drdr′ + EXC[n(r)]

+

∫

n(r)Vext(r)dr,

(2.4)

where Ts[n(r)] is the kinetic energy of a system of non-interacting electrons, EH[n(r)]

is the classical Coulomb energy of the electron cloud, Eext[n(r)] is the energy caused

by the fact that electrons experience the external potential caused by the ion cores

and other sources, and EXC[n(r)] is the so-called exchange-correlation functional, a

term that includes all electron-electron interactions beyond the Hartree term.

Now, to find the ground state of the system, we must find the minimum of E[n(r)]

with respect to n(r). We represent the electron density by a set of single electron

orbitals {ψi}, as

n(r) =
∑

ǫj≤ǫF

|ψi(r)|2, (2.5)

where the summation runs over all the Kohn-Sham states below the Fermi level ǫF ,

which in turn is obtained from the condition

Ne =

∫

n(r)dr, (2.6)

where Ne is the number of electrons. Thus we end up having a set of single-electron

equations
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{

− h̄2

2me

∇2 + veff(r)

}

ψi(r) = εiψi(r), (2.7)

where veff is the effective potential, defined as

veff [n(r)] = vext(r) + vHartree[n(r)] + µXC[n(r)], (2.8)

where vHartree[n(r)] is the Hartree potential, defined by

vHartree[n(r)] = 2

∫

n(r′)

|r− r′|dr
′ (2.9)

and µXC[n(r)] is the exchange-correlation potential defined as the functional deriva-

tive of EXC[n(r)], as

µXC[n(r)] =
δEXC [n(r)]

δn(r)
. (2.10)

When the single-electron Schrödinger equations have been solved self-consistently,

we can express the ground state energy of the electronic system as

Ee[n(r)] = Ts[n(r)] +

∫

vHartree[n(r)]n(r)dr+ EXC[n(r)] +

∫

vext(r)n(r)dr, (2.11)

where

Ts[n(r)] =
∑

ǫj≤ǫF

∫

ψ∗
i (r)(−∇2)ψi(r)dr. (2.12)

It is worth noting that Ts[n(r)] is not the kinetic energy of the interacting system.

Rather, it is the kinetic energy of a non-interacting system with the same density,

and as such, only helpful in the mathematical formulation of the system. The true

kinetic energy can not be solved by this method.

If the external potential is only formed by fixed nuclei located on lattice sites R

we have

vext(r) = −
∑

R

2ZR

|r−R| , (2.13)

where ZR are the nuclear charges. Having thus formulated the expression for the

electronic energy functional, we can state the total energy of the system as

Etot = Ee[n(r)] +
∑

RR′

ZRZR′

|R−R′| , (2.14)
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where the last term is the nuclear-nuclear repulsion term.

All other terms in Eq. 2.3 can be explicitly defined, except for the exchange-

correlation potential. The accuracy of DFT is therefore, in principle, limited only

by the employed approximate functionals describing the exchange and correlation

energies. Assuming a slowly enough varying potential, a series expansion of gradi-

ents can be constructed. If only the first term is taken into account and the rest

omitted, the approximation is called the Local Density Approximation (LDA) [22].

Within the LDA, the exchange-correlation energy of an electronic system is con-

structed by assuming that the exchange-correlation energy per electron at a point r

in the electron gas, ǫXC(r), is equal to the exchange-correlation energy per electron

in a homogeneous electron gas that has the same electron density. This is expressed

as

ELDA
XC (r) =

∫

ǫXC(n(r))n(r)dr, (2.15)

where ǫXC(n(r)) is the exchange-correlation energy per unit volume of a homo-

geneous electron gas of density n. If more terms are used beyond the first, the

exchange-correlation potential is assumed not to be homogeneous, and gradient

terms are included. These approximations are generally called Generalized Gradi-

ent Approximations (GGA) [23] [24] [25] [26].

It should be mentioned that the set of single-electron orbitals, {ψi}, in Eq. 2.5

can be represented in terms of any complete basis set, and several different choices

are available. All basis sets have their strengths and weaknesses, and are best suited

for certain types of problems. The choice of a basis set is a topic in itself, and it will

be covered in more detail in the following section.

2.2 Plane Wave Method

In order to study a physical phenomenon, we construct a model of the desired sit-

uation for the simulation. Since the model cannot be of infinite size, it must have

boundaries. Yet, the wave functions must be continuous, which means they cannot

be terminated at those boundaries. For these reasons almost all ab initio methods

designed to solve atomistic-scale phenomena employ periodic boundary conditions.

The model under simulation is defined inside a supercell, which is a parallelepiped-

shaped box. The periodic boundary conditions are such, that when a wave function

exits the box on a certain facet, it re-enters the box on the facet opposing it. An-

other way of visualizing the situation is that we take the geometry defined inside

the supercell, and then replicate it to fill all space. The model under simulation is of

finite size, yet the wave functions stay continuous. This is useful in many aspects; we
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can model bulk material with a rather tiny supercell (perhaps just one atom), but

because of the periodic boundary conditions, the simulation is that of an infinitely

large bulk. Similarly, we can define a surface slab of handleable size, which, by

the replication of the supercell, simulates an infinitely wide surface. Another useful

consequence is the fact that we can now employ the Bloch Theorem [27, 16].

Now, recall the single-electron Schrödinger equations (Eq. 2.7). We know that be-

cause of the periodic boundary conditions, the effective potential veff(r) has the

periodicity of the supercell, thus [27]

veff(r) = veff(r+R) (2.16)

whereR is a vector of the formR = a1x1+a2x2+a3x3, the vectors xi being the edges

of the supercell, and ai integers. Originally, the Bloch theorem was formulated for

a perfect Bravais lattice, but we can write the eigenfunctions of the single-electron

Schrödinger equations {ψi} for any translationally invariant system in a fashion

suggested by the theorem, thus:

ψi,k(r) = eik·rui,k(r). (2.17)

where ui,k(r) are functions having the same periodicity as the effective potential,

ui,k(r) = ui,k(r+R), and k is any vector that lies within the first Brillouin zone.

In a periodic DFT calculation, solutions of this form are applied to the Kohn-Sham

equations. The problem was this far divided to Ne different equations (one for each

electron); now, each of them is further divided to a set of equations, one for each k-

vector, or k-point, as they are often referred to. One should note that the k-vectors

do not reside in real space, but in reciprocal space. One should also note that the

label i, in italics, is the running index with which we refer to the i:th eigenfunction

of the set {ψi}, whereas i, written with roman, is the imaginary unit.

Now, using the fact that any periodic function can be expanded in the complete

set of Fourier components, we expand the function ui,k(r) in Eq. 2.17 into a Fourier

series, which gives

ui,k(r) =
∑

G

ci,G eiG·r, (2.18)

where G is a reciprocal lattice vector. By substituting this to Eq. 2.17, we can

express an eigenfunction by expanding it, too, into a Fourier series, thus:

ψi,q(r) =
∑

q

ci,q
1√
Ω

· eiq·r ≡
∑

q

ci,q · |q〉 (2.19)

where ci,q are the (complex) expansion coefficients of the plane wave with the wave
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vector q in the expansion of the Kohn-Sham orbital i. The symmetry label q is

used in the equation for clarity, and it is simply q = k + G. Ω is the volume of

the supercell, and it is there in the equation because of normalization. The basis of

plane waves |q〉 is orthonormal, and they satisfy [28]

〈q′|q〉 ≡ 1

Ω

∫

Ω

dr · e−iq′·r · eiq·r = δq,q′ . (2.20)

Now, inserting Eq. 2.19 into the set of single-electron Schrödinger equations (Eq. 2.7),

multiplying from the left by 〈q′| and integrating as in Eq. 2.20 leads to the Schrödinger

equation in Fourier space [28]

∑

G

〈q′|Ĥeff |q〉ci,q = εi
∑

G

〈q′|q〉ci,q = εici,q (2.21)

where

Ĥeff = − h̄2

2me

∇2 + veff(r). (2.22)

By expanding the effective potential veff as its Fourier components, thus

veff =
∑

G

ṽeff(G) eiG·r (2.23)

one finally arrives to the effective single-electron Schrödinger equation

∑

G′

{

h̄2

2me

|k+G′|2 δG,G′ + ṽeff(G−G′)

}

ci,G′(k) = εi(k) ci,G(k). (2.24)

One should note that there is now a separate equation for both every Kohn-Sham

orbital i and every k–point. Now, we can calculate the exact real space electron

density as

n(r) =
N
∑

i=1

1

Ω

∫

Ω

|ψi,k(r)|2dk. (2.25)

Now, we have separated the equations so that we have a set of single-electron equa-

tions, one for each Kohn-Sham orbital i and one for each point in the reciprocal

space, that is, every k-point. All the mathematical steps this far have been very

important, but the equations are not yet in such a form as to be helpful in numerical

calculations. That is because of two reasons; first of all, the number of equations is

infinite because we have an infinite number of Fourier components in the expansion

of each Kohn-Sham orbital. Second, even when we reduce the number of required

Fourier components for the Kohn-Shan orbitals with a technique that will be dis-

cussed shortly, the number of equations would still be infinite because we have an

equation for each k-point, and the set of k-points in the reciprocal space is infinitely
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dense.

We know that the Fourier components of the expansion of eigenfunctions have ki-

netic energy defined as [29]

Ekin(ci,k) =
h̄|k+G|2

2me

, (2.26)

and we know, that the higher the kinetic energy of the term, the less significant it is

in the representation of the eigenfunction. Based on this knowledge, so-called cut-off

energy is defined, and all terms with kinetic energy greater than that are omitted. It

is left for the scientist performing the calculations to define the appropriate cut-off

energy, based on the criterion that the change in the total energy of the system is

within an acceptable margin, when the rest of the terms in the series representation

are omitted. We thus also know the magnitude of error this approximation generates

to our calculations.

After the energy cut-off the single-particle orbitals ψi become finite, but the number

of equations would still be infinite if we didn’t quantize the volume. We can map

the volume in reciprocal space where the calculation is done by a continuous set of

points, {k : k = (kx, ky, kz)}, throughout that region of reciprocal space. Now, since

we know that wavefunctions at k-points that are very close together will almost be

identical we can represent the electronic wavefunctions over a region of reciprocal

space at a single k-point. This approximation allows us to calculate the electronic

potential at a finite number of k-points. There are several ways to choose the k-

point mapping. The most commonly used scheme is the one proposed by Monkhorst

and Pack, where the k-points are distributed homogeneously in a three-dimensional

grid [30]. All plane-wave calculations in this thesis employ the Monkhorst-Pack

scheme.

2.3 Pseudopotentials

Developing accurate and at the same time efficient numerical methods for solving the

Kohn-Sham equations has been among the biggest challenges within computational

materials science, and as can be expected, one often has to make a compromise be-

tween accuracy and efficiency when choosing a method. When accuracy is essential,

the method of choice is the full potential method. It includes all information of the

electronic potential of atoms to high accuracy. The downside of this method is that

the inclusion of the rapid oscillations in the wave function near the atomic nuclei

makes this method numerically very cumbersome. Because of that, the method is

used only if very high accuracy is needed. One of these uses is as a comparison when

testing approximations.
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A widely used approach in reducing the compulational burden of full potential meth-

ods is the pseudopotential method. If one were to construct a plane wave expression

of the electron density of a real system, the amount of plane waves (Fourier com-

ponents) needed for the representation of the density would be rather large due to

the aforementioned rapid oscillations in the electronic states near the atomic nuclei,

leading to heavy calculations. Fortunately, it has been shown that the core elec-

trons of any atomic species are almost independent of the environment surrounding

the atom, and that only the valence electrons participate strongly in the interac-

tions between atoms. Thus, a pseudo wavefunction may be constructed, replacing

the rapidly oscillating states near the atomic nuclei with a smooth electron dis-

tribution. The pseudo wavefunctions do not exhibit the rapid oscillations of the

all-electron wavefunctions, dramatically reducing the number of plane waves needed

for their representation, obviously resulting in smaller amount of computational ef-

fort needed for the calculation [31]. As schematically illustrated in figure 2.1, the

all-electron wavefunction and the pseudo wavefunction coincide after a certain dis-

tance from the nucleus, noted rc (core radius). Many types of pseudopotentials

exist. To mention a few of the most widely used ones, they include norm-conserving

pseudopotentials[32, 33, 34], ultrasoft (US) pseudopotentials [9], and the projector

augmented wave (PAW) [35] which can be considered as a combination of pseudopo-

tential and all-electron approaches.

Figure 2.1: A schematic illustration of the wavefunctions corresponding to the all-
electron potential and the pseudo-potential. Note that outside the core region the
curves coincide.

2.4 Molecular dynamics method

The first principles molecular dynamics (MD) method [36] is an application of the

Density Functional methods, which offers us the tool to study how a system evolves

with time. In the MD method, each atom has initially not only it’s position, but

also it’s velocity predetermined by the user. The user may also let the code give it

an initial velocity, which is randomized within a thermal statistic. The evolution
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of the system with time is calculated with discrete time steps, and it is left for the

scientiest to make sure the time step is short ehough to prevent aliasing of the highest

frequency molecular vibrations, but then again long enough that the simulation is

not unnecessarily slow (simulating a time interval of 1 picosecond can take about a

month of real time). The simulation progresses in this manner: the electron density

is calculated using the pseudopotential method formalism, during which the atomic

nuclei are not allowed to move. Then, we can determine the forces acting upon each

of the atomic nuclei using the Hellmann-Feynmann theorem [28]

Fi = − ∂E

∂Ri

, (2.27)

where E is the energy of the system, and Ri is the position vector of the atom in

question. Then, we can determine the acceleration this force causes by the well-

known Newton’s second law

Fi = mai, (2.28)

where m is the mass of the atomic nucleus in question. After that, the newly

determined acceleration vectors are added to the velocity of each atom, and after

this, the atoms move to the direction of their velocity vector, a length determined

by the absolute value of the velocity, and the length of the time step. After the

atoms have assumed their new positions, a new electron density is calculated using

these positions, and so it continues. The MD simulation never reaches an end per

se, it is left for the scientist to determine when the simulation has run long enough.

Either one sees that the reaction one wished to simulate has happened, or it becomes

evident it is not going to happen, and the system reaches a thermal steady state.

2.5 Exact Muffin Tin Orbitals Method

The third important group of Kohn-Sham methods, in addition to the full poten-

tial method and the pseudopotential method reviewed in the previous chapter, is

built around the muffin-tin approximation to the effective potential and electron

density [37]. This approximation is based on the observation that the exact crystal

potential is atomic-like around the atom cores and almost flat between the atoms. In

the light of this observation, muffin-tin methods substitute the Kohn-Sham poten-

tial with spherically symmetric potentials centered around the lattice sites and an

almost flat potential in the interstitial region. When the Muffin Tin methods were

first formulated, the division of space to atomic spheres and the interstitial region

did look like a muffin tin, because the muffin tin wells were defined to be of such size

that the muffin tin orbitals did not overlap (see Fig. 2.2). Nowadays, Muffin Tin

methods usually employ optimized overlapping muffin-tin potentials, within which
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the spherical regions around each lattice point around which the potential is defined

are so large, that no space is left uncovered by them. These methods are referred

as the Exact Muffin Tin Orbitals (EMTO) methods, the term ”Exact” referring to

the fact that the single-electron equations are solved exactly.

Figure 2.2: Space division to muffin tin spheres. The black dots denote the atomic
nuclei, solid lines denote the non-overlapping muffin-tin wells of earlier muffin-tin
methods, and dashed lines denote the optimized overlapping muffin-tin potentials.

The main difficulty in application of Density Functional Theory to real systems is

related to the presence of various kinds of disorder. To calculate the energetics of a

system containing chemical or magnetic disorder with a conventional DFT method,

one would need to perform numerous calculations with very large systems. With the

EMTO method, employing the Coherent Potential Approximation (CPA), we can

instead of a large supercell, where the identity of each atom is specified, replace it

with a much smaller one, containing a single pseudo-atom type. That pseudo-atom’s

characteristics are such, that it yields, on the average, the scattering properties of

the alloy.

Within the overlapping muffin-tin approximation, the effective single-electron po-

tential in Equation 2.8 is approximated by spherical potential wells vR(rR) − v0
centered on lattice sites R plus a constant potential v0, as follows:

v(r) ≈ vmt(r) ≡ v0 +
∑

R

[vR(rR)− v0] (2.29)

For clarity, here and from now on, vector notation rR ≡ r−R is used. By definition,

vR(rR) becomes equal to v0 outside the potential sphere of radius sR. For fixed

potential spheres, both the spherical and the constant potentials from the right

hand side of Equation 2.29 are determined by optimizing the mean of the squared

deviation between vmt(r) and v(r), i.e. minimizing the
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Fv[{vR}, v0] ≡
∫

Ω

{

v(r)− v0 −
∑

R

[vR(rR)− v0]

}2

dr (2.30)

functional. Here Ω is the region where the potential optimization is performed. Since

Fv is a functional of the spherical potentials, the minimum condition is expressed as

∫

Ω

δvR(r)
δFv[{vR}, v0]

δvR(r)
dr = 0 for any R (2.31)

where δ/δvR(r) stands for the functional derivative, and

∂Fv[{vR}, v0]
∂vR(r)

= 0. (2.32)

The solution of these equations gives us the optimal vR(rR) and v0, and thus leads

to the optimized overlapping muffin-tin potential. Having defined the potential, we

can solve the single-electron equation (Equation 2.7) for the muffin-tin potential

defined in Equation 2.29 by expanding the Kohn-Sham orbiltals ψi(r) in terms of

exact muffin-tin orbitals ψ
a

RL(ǫj, rR), viz.

ψj(r) =
∑

RL

ψ
a

RL(ǫj, rR,v0)v
a
RL,j (2.33)

The expansion coefficients, vaRL , are determined from the condition that the above

expansion should be a solution for Equation 2.7 in the entire space. The exact

muffin-tin orbitals form a complete basis set for the Kohn-Sham problem. They

are defined for each lattice site R and for each L ≡ (l,m), where l is the orbital

quantum number, and m is the magnetic quantum number.

2.5.1 Full Charge Density Method

The Full Charge Density (FCD) technique is developed as an alternative to full-

potential methods, as it is highly efficient, and at the same time it gives total

energies with an accuracy similar to that of full-potential methods. The Hohenberg-

Kohn variational principle [20] states, that the total energy functional is stationary

for small density variations around the equilibrium density. The FCD method is

based on that notion, and the observation based on the fact, that any reasonably

accurate trial density is suitable to determine the total energy of the system within

an error which is second order in the difference between the trial and equilibrium

charge densities.

The FCD method uses the total charge density to compute the total energy func-

tional given by Equations 2.11 and 2.14. The total density is taken from the self-

consistent calculation employing certain approximations. The energy components
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from Equation 2.11 are calculated with the means of a shape function, which is a

three-dimensional step function, defined so that is equals to 1 inside the Wigner-

Seitz cell, and 0 otherwise. After the total charge density has been obtained from the

self-consistent EMTO calculation, it is used to evaluate the total energy functional

from Equations 2.11 and 2.14. The total energy functional is calculated as sum

of a kinetic energy term Ts, an exchange-correlation energy term EXC, and an elec-

trostatic energy term Ec. The electrostatic energy is split into an intra-cell energy

contribution functional Fintra, and an inter-cell energy contribution functional Finter.

Expressing the total density n(R) as components defined inside the Wigner-Seitz

cells, as

n(r) =
∑

R

nR(rR) (2.34)

the FCD total energy functional is then be expressed as

Etot = Ts +
∑

R

(Fintra[nR] + FXC[nR]) + Finter[nR]. (2.35)

The mathematical formulations of the shape function and the abovementioned en-

ergy contributions are rather lengthy, and are not discussed here. An interested

reader is referred to Ref. [38].

2.5.2 Coherent Potential Approximation

In substitutionally disordered alloys, any atomic site can be occupied by any of the

atomic species in the system. As mentioned earlier, one method to perform calcu-

lations with such systems is to define a large supercell where the identity of each

atom is specified. Such an approach is computationally very demanding, which is

why alternative methods have been developed. Within the Coherent Potential Ap-

proximation [13, 14], the random array of real muffin-tin wells is replaced with an

ordered array of effective wells. The scattering properties of the effective wells are

then determined self-consistently, in a single-site mean-field sense, from the require-

ment that an electron traveling in an infinite array of effective wells undergoes, on

average, no further scattering upon replacing one of the effective wells with one of

the real potential wells [39]. When the scattering properties of an effective potential

well are determined, quantities such as species-decomposed average density of states

and charge density can be calculated straightforwardly [40].

Since the real potential wells are replaced with the effective ones, certain approxima-

tions are made. The first approximation is that the local potentials around a certain

type of atom from the alloy are the same, i.e. the effect of local environments are

neglected. Second, the system is replaced by a monoatomic set-up described by the



32 CHAPTER 2. COMPUTATIONAL METHODS

site independent coherent potential [38].

2.6 Comparison of the methods

It is obvious from the fact that several methods exist and are still in use, that certain

methods are better suited for certain types of problems than others. In this section,

the strengths and weaknesses of the Plane Wave method and the Muffin Tin method

are compared. One distinct shortcoming of the Muffin Tin method is that the po-

tential wells are defined, by the mathematics that define the method, to be located

on the lattice points of a perfect lattice. This means that the Muffin Tin method

is not suited for the kind of calculations performed for the copper surface studies

of this thesis, because those calculations require that the atoms can be positioned

freely. One can, though, use the Muffin Tin method to model such situations as

surfaces or vacancies, because even though atoms must be positioned to the lattice

sites of a perfect lattice, one can leave a lattice site empty (it is then occupied by

an ”empty sphere”).

As mentioned above, the power of the EMTO-CPA method is that it can take several

types of disorder into account by employing the Coherent Potential, and thus sim-

ulate, with a rather small computational burden, situations which would take huge

computer resources if simulated by a pseudopotential method. Each pseudo-atom

in the CPA formalism can be defined to have different ratios of each element, which

makes it possible for one to study rather complex problems, for example surface

segregation profiles.

In the next chapter, the obtained results will be shown and discussed. As can

be guessed at this point, both of the methods introduced above have been used.

The other part of of my studies dealt with oxidation of Cu surfaces, and how doping

the surface with Ag affects the oxidation kinetics. Due to the kind of problem at

hand, the pseudopotential method was an excellent choice for the case. To see how

the surface reacts to oxygen, the atoms must have unlimited freedom to move along

all 3 coordinate axes, and thus the EMTO method could not be used for this type

of problem. The next part of my studies was about FeCrNi steels, the bulk prop-

erties of an interesting composition called ”duplex steel” versus alloy composition.

As mentioned in the previous paragraph, to do this kind of study without immea-

surable computational resources, a conventional method like the pseudopotential

method can not be used. Instead, the CPA implemented within the EMTO code

enables us to do these studies.
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Results

3.1 Ag doped Cu surface

3.1.1 O2 adsorption

Studying the chemical reactions on doped metal surfaces is important in many re-

spects. The understanding of surface phenomena on atomistic length and time

scales could bring a myriad of new technology, including corrosion free materials

with desired electric and magnetic properties. Since it has been shown that on

some transition metal surfaces the catalytic reactions actually occur due to oxida-

tion [3], understanding these processes could enable us to develop materials with

unique catalytic properties. As both Cu and Ag are widely used materials, Ag/Cu

is a reasonable choice as an alloy whose behaviour to study, thus widening the

collective understanding of surface phenomena. As Cu is an important material

in electronics industry, and as electronic components are reaching the nanoscopic

scale, the atomistic-scale understanding of the reactivity of Cu has a special interest.

A reaction which is of great interest in electronics is oxidation, since the conductivity

properties of copper reduce dramatically due to oxidation. Since it is known that

when Ag is deposited on a Cu surface, it forms an Ag film over the Cu, rather than

forming an alloy [41], one could assume Ag deposition to be a relatively easy way

of producing corrosion free copper components. However, the O2 exposure study of

Hirsimäki et al. [42] showed that 1 ML Ag has an almost vanishing effect on the

oxidation rate of Cu(100) in large timescales (5 minutes). Also the molecular beam

surface scattering (MBSS) study by Junell et al. [43] showed that the presence of

0.9 ML Ag on the surface has very little effect on the oxidation kinetics of Cu(100).

As one can not extract data on atomistic length or time scales from these studies,

it is important to study the phenomenon further. DFT simulations provide a com-

plementary means of doing that.

33
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It has been observed with X-ray photoelectron diffaction (XPD) and low energy

electron diffraction (LEED) studies [41] as well as scanning tunneling microscopy

(STM) studies [44] that when Ag is adminstered on a Cu(100) surface, the Ag

atoms first take places within the topmost Cu layer (a surface alloy is formed). As

the amount of Ag on the surface layer exceeds 0.13 monolayers (ML), the strain

energy induced by the alloyed Ag becomes so high that the Ag atoms segregate into

small patches of c(2 × 10) superstructure located within the surface layer. As the

amount of Ag reaches 0.9 ML, a complete pseudo (111) overlayer is formed.

In order to study a case where there is a c(2 × 10) overlayer of Ag on top of a

Cu substrate, with the thickness of the sample slab large enough as to represent the

surface of a large object (rather than a thin film) adequately, the number of atoms

per supercell would get so high that the simulation would be computationally im-

possible with this method. Therefore we have restricted ourselves to cases where

the concentration of Ag atoms in the surface is under 0.13 ML, which means the

Ag atoms form a surface alloy with the surface Cu atoms (there is no island forma-

tion). This way, we can use supercells which are a fraction of the size required for

simulations with the overlayer, thus making it possible to perform the simulations

with realistic computational cost and time.

Fig. 3.1 is a schematic figure reproduced from the MBSS results of Junell et al..

They discovered in their experiment a rather surprising outcome to the situation

where O2 is arriving onto a Cu(100) sample which is coated with 1 ML of Ag: con-

trary to what one might suppose, the presence of a monolayer of Ag has very little

effect to the initial sticking coefficient.

In order to begin tackling the problem, potential energy surfaces (PES) were calcu-

lated for several different orientations. In order to plot a potential energy surface,

one calculates a series of static simulations (atoms are frozen to their predetermined

places and not allowed to move) of a geometry where, in our case, there is an O2

atom over a Cu(100) surface, and for each simulation the distance of the O2 molecule

from the surface, or the interatomic distance between the O2 molecules, is varied.

In this manner, one ends up with a table of total energies of the system, and can

thus plot a figure where one axis is the interatomic distance between the O2 atoms,

and the other is the distance between the surface and the O2 molecule.

Although PES plots are a good way to visualize the possible existence and char-

acteristics of an entrance channel, one should bear in mind that there are lots of

phenomena that PES plots do not show, and the PES plots can be misleading if one

is not aware of these ”hidden” phenomena. One obvious phenomenon that is omit-
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Figure 3.1: Schematic figure representing how surface modification with varying
amounts of Ag affect the inital sticking probability of O2 arriving on Cu(100). This
figure is reproduced from [43].

ted from these simulations is the restructuring of surface geometry caused by the

kinetic impact of the molecule. These deformations can be surprisingly strong, as

we noticed in molecular dynamics (MD) simulations (these will be discussed shortly

in more detail). Another blind spot of PES simulations is the fact that a molecule

that is coming to the surface has, of course, many geometrical freedoms that are not

present in the PES plot. The PES plot only takes into account its movement perpen-

dicular to the surface and the stretching of its interatomic distance, but in addition

to these the molecule can steer to some other location on the surface (move parallel

to the surface), and it can also change it’s orientation (rotate). The PES plots are,

however, a very usable tool when searching the most interesting orientations, which

can then be further studied with more accurate, but more computationally costly

methods, such as the aforementioned molecular dynamics method.

We calculated such plots for several different geometries, two of which are shown in

Figs. 3.2 and 3.3. Fig. 3.2 depicts a situation where an O2 molecule is approaching

the top site of a Cu atom, and the surface in question is a clean Cu(100) without any

modifications. Fig 3.3 depicts a similar situation, but with one of the nine surface

Cu atoms replaced with an Ag atom, the O2 molecule in question approaching it
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PES : O2 to Cu top (clean Cu surface), pointing towards bridge sites.

Figure 3.2: O2 to Cu top (clean
Cu surface), pointing towards bridge
sites. Line separation is 0.2 eV.
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PES : O2 to Ag top (11% surface Ag), pointing towards bridge sites

Figure 3.3: O2 to Ag top (11 % Ag),
pointing towards bridge sites. Line
separation is 0.2 eV.

(see the small schematics in the top right corners of the PES images). In both cases,

the orientation of the O2 molecule is such that it is parallel to the surface, and it

has its O atoms pointing towards the nearest bridge sites.

Now, what can we see from these figures? Looking at the entrance channel of Fig. 3.2

we can see that in order for the molecule to dissociate, it will need the kinetic energy

of around 0.4 eV. This can be seen in the figure as follows: there are 5 lines to cross

when crossing through the dissociation barrier, which means the ”cost” in energy of

5 · 0.2 eV. But as there are also 3 lines crossed when entering the entrance channel,

the energy gained this way is 3 · 0.2 eV. In other words, one only needs to count

the non-closed circles from the dissociation barrier, and thus determine the cost in

energy. Following similar logic, we can tell that the cost in energy for an O2 atom

to dissociate in the case where it is approaching the top site of the Ag impurity

atom is 1.6 eV. That is 1.2 eV higher than in the case of clean Cu, and from this we

can deduce that Ag strongly inhibits dissociative chemisorption of O2 to the surface.

We also calculated a case like the one in Fig. 3.3, with the only difference that

the orientation of the O2 molecule was such that the O atoms were pointing to

nearest hollow sites. The PES of that case was almost identical to Fig. 3.3. We

also calculated the PES of a geometry where the O2 molecule was approaching a

Cu atom diagonally adjacent (that is, as far as possible in this geometry) to the Ag

atom, the O atoms pointing to the nearest hollow sites. The PES of this case was

practically identical to that of the clean Cu surface. From this we can deduce that
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the presence of Ag on the surface has no effect on that range.

v   = 25 meV0 v   = 600 meV0

(a)

(c)

(b)

(d)

Clean

11% Ag

Figure 3.4: Schematic figures of how the molecular dynamics runs progressed. The
upper row (a and b) represent the cases of clean Cu surface, and the lower row
(c and d) depicts the cases with 11% ML of Ag on the surface. The small black
spheres represent O atoms. The gray circles represent Cu atoms: in figures a, b,
and c, the larger gray circles represent Cu atoms in the first layer, and the smaller
ones represent Cu atoms in the second layer. Figure d is wieved from the side. The
large light gray circles represent Ag atoms. The figures in the left column, (a and
c), represent the cases where the initial velocity of the oxygen molecule was 25 meV,
and the right column represents the case where it was 600 meV.

Having simulated and interpreted the PES results, we chose the most important

cases for further study, and complemented the research with a more precise but com-

putationally costy method, the first principles molecular dynamics (MD) method.

We used a supercell with 9 surface atoms, and 6 layers thick. The initial state of

all atoms was determined as follows: the oxygen molecule had a predetermined ki-

netic energy downwards (towards the surface), whereas the surface atoms had their

velocities and initial directions randomized according to the thermal statistic, cor-

responding to the thermal motion at the temperature of 300 K. We simulated the

cases for which the PES plots are shown, both of them with two different energies,
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to see how the kinetic energy of the arriving oxygen molecule affects the dynamics.

Let us first have a look on the cases where the surface in question is a clean Cu

surface (the upper row of Fig. 3.4). In the case where the initial velocity of the O2

molecule was 25 meV, the molecule first approaches the surface, and having reached

a certain distance it starts to steer away from the top position. As this happens, the

O atoms move further apart from each other, and it is a matter of definition whether

one can call it a molecule at this point. However, the stretched molecule then moves

on top of the nearest hollow site, and there the interatomic distance between the O

atoms shrinks back, and the molecule stays there, in a molecular precursor state.

Molecular adsorption could also be predicted from the PES plots; one can imagine

that the energy minima that are present in both the displayed PES plots attract the

molecule, and thus the molecule is not necessarily dissociatively adsorbed, nor does

it necessarily scatter back.

When we increased the initial velocity of the oxygen molecule to 600 meV, the

system behaved quite differently. The molecule approached the surface Cu atom,

pushed it down about a quarter of a lattice parameter, and after that the molecule

split. As indicated by the arrows in the figure, the O atoms, after the molecule split,

took their initial directions towards the nearest bridge positions, then changed their

direction, and then stayed in the nearest hollow sites on both sides of the top site

which they initally approached.

With silver present, the low-energy case is very similar to the corresponding case

with a clean Cu surface. Even if the PES shows that direct dissociative adsorp-

tion is strongly inhibited, it cannot tell whether the molecule will steer away from

its initial orientation. As one of the PES results showed, the presence of Ag on

the surface does not have a long-range effect, and thus it is no surprise that this

kind of dynamics might exist. The high-energy case with Ag/Cu surface showed a

rather interesting case: the kinetic impact of the arriving oxygen molecule pushed

the Ag atom over half a lattice parameter’s length downwards (towards the bulk)

after which the Ag atom springed back up, pushing the oxygen molecule further

away, thus casting the oxygen molecule back to the gas phase.

3.1.2 Oxygen induced segregation of Ag/Cu

Hirsimäki et al. discovered in their Ag/Cu oxygen exposure experiment [42], that

oxidation of Cu(100) is strikingly similar to that of Cu(100) with an Ag overlayer

on top of it. This experiment, indicates that this is due to a rapid oxygen induced

segregation of Cu to the surface and subsequent formation of Cu oxider on top of

the Ag overlayer. To study the observed phenomenon using first-principles methods,
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a series of relaxation runs were performed. Fig. 3.5 depicts a schematic of the

geometries used for the simulations. We used a slab which was 5 atomic layers

thick, and 2×2 conventional unit cells wide. In all simulations, one of the Cu layers

was replaced with an Ag one, and the location of the Ag layer was varied. The Ag

layer resided either on top of the Cu slab, in the second layer, or in the third layer.

For each location of the Ag layer, five different oxygen coverages were simulated: 0,

.25, .50, .75 and 1 ML. For comparison, we also calculated a case where there is no

Ag in the slab, but only clean Cu. As the lattice constant in all calculations, we

used the lattice constant of clean Cu. One must note that this choice of geometry

causes strain in the Ag layers, as Ag normally has a lattice constant 13% larger

than Cu. We decided this to be a reasonable choice however, since the strain is

equal in all geometries, and thus cancels itself out when we compare the relative

energetics of these systems. After the simulations, we calculated surface energies for

each geometry as follows:

Esurf = EO/Cu/Ag −NCu · ECu
bulk −NAg · EAg

bulk −NO · EO2

2
− Ebottom

surf , (3.1)

where EO/Cu/Ag is the total energy of the Ag/Cu surface with O on it (the ge-

ometries depicted in Fig. 3.5), ECu
bulk and EAg

bulk are the energies of a single metal

atom in bulk with its equilibrium lattice constant, EO2
is the energy of an oxygen

molecule and Ebottom
surf is the surface energy of the ”bottom side” of the simulated slab.

Figure 3.5: Schematic figure representing the atomic orientations used in the segre-
gation simulations. The smaller gray spheres represent Cu atoms, larger light gray
spheres represent Ag atoms, and the small black dots represent O atoms. Note that
with each geometry five different oxygen coverages were simulated: 0, .25, .50, .75
and 1 ML.

Now, let us plot the energetics in order to have an intuitive view on how the en-

ergetics behave. In Fig. 3.5 we have plotted the surface energies in two different

ways. The left figure is the most obvious one, we simply plot the surface energies

calculated with the abovementioned equation. As the number of atoms in the con-

figurations changes, one cannot simply compare the energies to each other, and thus

drawing a conclusion from the left figure would be somewhat ambiguous. In the

right figure, we have plotted the surface energies of the cases where there is Ag in
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the slab so that we have subtracted the surface energy of the clean Cu geometry

with the corresponding oxygen coverage from them. Thus we can negate the effect

of there being different number of atoms in different geometries, and thus we can

compare the energetics with each other. Looking at the right figure, we can see that

with zero oxygen coverage, it is clearly energetically most favourable for the Ag layer

to reside on top of the Cu slab. With even .25 ML of oxygen on the surface, the ge-

ometries where the Ag layer resides on the 2nd or the 3rd layer become energetically

more favourable, and as the oxygen coverage increases, the difference becomes even

clearer. Comparing the curves where the Ag layer resides in either the 2nd or the

3rd layer to each other, we can see that it is energetically more favourable for the

Ag layer to reside on the 2nd layer than in the 3rd, that is, right after the oxidized

Cu layer. As Hirsimäki et al. discovered in their experiment, when Ag/Cu(100)

is exposed to O2, with long enough exposure time the Ag segregates far from the

surface. Their measurement devices could penetrate about 10 atomic layers, and

there was no Ag or Ag oxides to be detected in that range. Instead they detected

Cu oxides, very similarly to the case of clean Cu oxidation.
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Figure 3.6: Surface energies versus surface O concentration. In the left figure,
”Clean” is the case with no silver present. In both figures, Ag@surf, Ag@2nd and
Ag@3rd represent the situations where the Ag monolayer is either on top of the Cu
slab, in the second layer, or the third, respectively. In the right figure, the energies
of the ”Clean” case has been subtracted from the Ag cases, thus giving us means to
see how the location of the Ag monolayer affects the energetics.

Thus, in the light of our simulations and the results of Hirsimäki et al., one could ar-

gue the following: When Ag/Cu oxidizes, Cu atoms segregate from the bulk towards

the surface, and form Cu oxides with the adsorped oxygen. A following geometry is

then formed: There is a Cu/O phase on the surface, a Cu/Ag alloy under that, and

more or less clean Cu in the bulk. Possible reasons for this segregation phenomenon

are the size mismatch of Ag and Cu, and the fact that Cu reacts much stronger with

oxygen than Ag.
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3.2 FeCrNi duplex steels

As mentioned earlier in the Introduction, stainless steels are an important and widely

used family of engineering materials, and the main stainless groups are austenitic

and ferritic steels [4]. Recently, a third important group is developing around the

so called duplex grades [45, 46, 47]. Duplex steels have a peculiar microstructure

containing approximately equal amount of ferrite and austenite phases. These steels

offer a unique combination of outstanding mechanical performance and appropriate

corrosion resistance and present promising alternative materials for various techno-

logical applications. Furthermore, since duplex steels usually have twice the mechan-

ical strength of conventional steels, the material cost may significantly be reduced

with this class of materials.

Experimental studies, as well as semi-empirical attempts, have been made to de-

scribe the phase equilibrium in duplex stainless steels [48, 49, 50, 51, 52]. However,

due to the complexity of the problem, little is known about the behaviour and for-

mation of duplex steels at the atomic scale. To remedy this lack, we performed a

series of ab initio electronic structure and total energy calculations for the austenitic

and ferritic steels to study the phase stability as a function of chemical composi-

tion. The phenomenon of duplex phase formation is a complex one, and we cannot

model everything with our model, so certain approximations are made. We model

the two alloy phases with their main building blocks, namely, the austenitic phase

is represented with a face centered cubic (fcc) alloy, and the ferrite steel by a body

centered cubic (fcc) alloy. Both phases are treated as substitutional random alloys,

and short range order and local relaxation effects are omitted.

Industrial grade duplex steels consist of a multitude of atomic species, and it is well

known that the alloying species affect the phase balance in duplex steel grades. It is

also well known that interstitials, namely C and N, strongly stabilize the austenitic

phase. However, in the present study, it is not feasible to model each of the alloy-

ing species separately, nor would it be possible to model the interstitials with the

chosen method. Also, the major and most important alloying elements for duplex

steels are Cr and Ni and the duplex grades are developed around the two elements

and the phase constitution determined by them. Therefore, it is very important to

understand the ternary Fe-Cr-Ni system in order to understand the duplex grades.

Although the study is made with the ternary Fe-Cr-Ni alloy, we can see the gained

ab-initio understanding in a broader concept: in this study, Ni represents all those

alloying elements that stabilize the austenitic phase (Ni, C, N, Mn, etc.) and Cr

represents those alloying elements that stabilize the ferrite phase (Cr, Mo, Si, Nb, V,

Al, etc.). It should be noted that since Ni and Cr are thermodynamically different

from those elements which they represent, they can be seen ”equal” to the those
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elements only in the sense that they stabilize the same phase. Also, one can not

claim that, say, 10% of Ni in this study would have the same effect in stabilizing the

austenitic phase as 10% of C; rather, we can say that 10% of Ni has the same effect

as some amount of C.

At low temperature, the magnetic structure of Fe-Cr-Ni ternary alloys can be anti-

ferromagnetic, spin-glass or ferromagnetic, depending on Ni and Cr content [53]. At

room temperature, the austenitic phase is paramagnetic, whereas the ferritic phase

is ferromagnetic. Therefore, at room temperature, we can not examine the magnetic

free energy of the two phases on an equal footing. Due to that, we limit ourselves

in this study to temperatures high enough for the ferritic phase to be beyond its

transition temperature, so that the two phases can be compared to each other unbi-

asedly. We model the paramagnetic ternary Fe1−c−nCrcNin system by an alloy with

randomly distributed chemical species and local magnetic moments, i.e. by a four

component random Fe↑(1−c−n)/2Fe
↓

(1−c−n)/2CrcNin alloy. Here the arrows represent the

two magnetic moments oriented up (↑) and down (↓). This disordered local moment

(DLM) approach accurately describes the effect of loss of the net magnetic moment

above the transition temperature [54, 55].

We chose the lower limit of the concentration range of Cr to be 12%, given by

the stainless requirement[56], and the upper range was chosen to be 32%, as that

is near the maximum amount of Cr that is soluble in binary Fr-Cr and Fe-Ni alloys

at these temperatures. As all duplex steel alloys contain some elements that fall

under the ”Ni-equivalent” category, we chose the lower limit of Ni to be 4%, and

the upper limit was chosen to be 32%. That much Ni will probably never be seen in

commercial duplex grades because of its price, but one must keep in mind that in

our calculations, Ni represents all ”Ni-equivalents”. We performed the calculations

for the given range of Cr and Ni compositions, with 4% increments for both alloying

species. We calculated the total energies of the (one-atom) system for 7 different

values for the lattice parameter. From that data, we deduced, using the Murnaghan

equation of state [57], the exact total energy of the system, as well as its equilibrium

lattice parameter, and bulk modulus.

From the available data, we can approximate the Gibbs energy of the Fe1−c−nCrcNin
random alloy by

Gstr(c, n) = Hstr(c, n)− T ·
[

Sconf (c, n) + Sstr
mag(c, n)

]

+ F str
vib (c, n), (3.2)

where str stands for fcc or bcc and T is the temperature. H is the enthalpy, Sconf

the configurational entropy, Smag the magnetic entropy and Fvib the vibrational free

energy. The terms Hstr(c, n) are obtained directly from the self-consistent EMTO

calculations. The temperature dependent terms are approximated using the mean-
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field expressions. Configurational entropy is given as [58, 59]

Sconf (c, n) = −kB · [(1− c− n) · ln(1− c− n) + c · ln(c) + n · ln(n)], (3.3)

and magnetic entropy as [60]

Sstr
mag(c, n) = −kB · (1− c− n) ln

[

1 + µstr
Fe (c, n)

]

, (3.4)

where kB is the Boltzmann constant, and µstr
Fe (c, n) are the local magnetic moments

of the Fe atoms. They are obtained from EMTO calculations, and they depend on

the crystal structure and chemical composition. We also include an estimate of the

vibrational free energy, and we estimate that according to the Debye model, as:

F str
vib (c, n) = −kBT

[

3

(ΘD/T )3

∫ ΘD/T

0

x3

ex − 1
dx− 3 ln(1− e−ΘD/T )− 9ΘD

8T

]

, (3.5)

where ΘD is the Debye temperature. Note that ΘD depends on the crystal structure,

composition and temperature. Within the simplest Debye approximation, the elastic

Debye temperature is obtained from the equilibrium atomic radius (Wigner-Seitz

radius) w, atomic mass M , Poisson’s ratio ν, and bulk modulus B as

ΘD =
h

kB

(

4π

3

)−1/6

F (ν)

(

wB

M

)1/2

, (3.6)

where h is the Planck constant. An explicit expression for the function F (ν) is

given in Ref. [61]. In the present application, the Poisson’s ratio was assumed to

be 1/3, i.e. F (ν) = 0.69. The phase stability of a ternary system is obtained from

the common-tangent plane construction [62]. Our final result, the ab initio phase

stability map, is constructed this way, as well as two other maps which have some of

the approximated entropy/energy contributions omitted. The aforementioned maps

which have some entropy/energy contributions missing were constructed in order for

us to see how the particular entropy/energy contribution affects the phase stability

map. These are discussed in detail in Publication IV.

The process of constructing the phase stability map of a ternary alloy is a com-

plex one. Let us, at this point, simplify the two-dimensional problem to a one-

dimensional one by assuming the Cr content of the alloy constant (c = c0). We

denote the lowest and the highest Ni content by α and β, respectively. Then the

Gibbs free energy of formation for the crystal structure str is obtained as

∆Gstr(c0, n) = Gstr(c0, n)− (1− n) · A− n ·B (3.7)

where A and B are the two reference energies. As standard states, we take the
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fcc phase at high-Ni end and the bcc phase at low-Ni end, with Gibbs energies

Gβ ≡ Gfcc(c0, β) and G
α ≡ Gbcc(c0, α), respectively. With this choice, we have

∆Gstr(c0, n) = Gstr(c0, n)− [(α− n) ·Gβ − (β − n) ·Gα]/(α− β). (3.8)

We have plotted the Gibbs free energies, as well as the components of which it con-

sists, in Fig. 3.7, for both structures. The added terms are temperature dependent,

and they are plotted at the temperature of T = 1000K. One can clearly see that if

we did not include any of the approximated entropy/energy terms, regarding only

the mixing enthalpy, there would be no duplex phase present at all. We can thus

deduce that the entropy contributions play a very important role in the formation

of the duplex region. This conclusion is also evident when comparing the phase

stability maps with varying levels of entropy contributions included to each other.
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Figure 3.7: The contributing energy and entropy terms that are summed up to form
Gibbs free energy (black curve in the figures). These curves are plotted as a function
of Ni content, and Cr content is fixed to 16%.

Now, we can determine from the Gibbs free energies which structure is energetically

the most favourable at a certain concentration. The Gibbs energy curves from Fig.

3.7 are compared to each other in Fig. 3.8. By drawing a common tangent to the

fcc and bcc Gibbs energies, we find the concentration interval (2− 19% Ni), where

the segregated system (duplex) is energetically more favorable than either one of the

single-phase alloys. Within this two-phase field region, the system breaks in ther-

modynamic equilibrium into Ni-enriched fcc and Ni-depleted bcc components. To

the left of the duplex region the bcc phase is stable, and to the right, the fcc is stable.

As mentioned above, we discussed the quasi-binary alloy where we have fixed the

Cr content for the sake of example only. In the case of ternary alloys, the problem is

two-dimentional, and thus a graphic representation of how the phase stability map is

obtained is harder to give compared to the one-dimensional case, but the method is

rather similar, and easy enough to understand in light of the one-dimensional case.

Instead of plotting a tangent line to two curves, imagine a tangent plane plotted so

that it touches two concave surfaces.
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Figure 3.8: Gibbs free energies for bcc and fcc Fe0.84−nCr0.16Nin plotted as a function
of Ni content. The duplex region corresponds to Ni concentration range between
the points where the Gibbs energies touch their common tangent.

In Fig. 3.9 we show the theoretical phase stability map derived with the above

described common-tangent plane construction (topmost figure). The bottom left fig-

ure, given as comparison, is a schematic of the Schäffler phase diagram for stainless

steels [4]. The diagram describes the empirically determined weld micro structures,

and corresponds to the situation around 1300K. In this figure, ”The Ni-equivalents”

represents a number of different atomic species, as do the ”Cr-equivalents” (see the

figure caption).

As another reference, shown in Fig. 3.9 at the bottom right, we use the phase

diagram obtained at 1123 K for the Fe-Cr-Ni systems using thermodynamic assess-

ment [48] based on subregular solution model [63, 64]. Knowing that it reproduces

very well the experimental phase boundaries by Eriksson [48, 65], we can consider

it as accurate as experimental data.

Taking into account the approximations made in our study, the agreement between

the present theoretical phase diagram and the reference diagrams is fairly good.

We have thus established ab initio a description to this complex problem, although

notable approximations were made. We can also conclude that the entropy contri-

butions, along with the vibrational free energy, constitute an important factor on

defining the stability fields of different phases.
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bilizers). The vertical axis, ”Cr-equivalent”, represents atomic species Cr, Mo, Si,
Nb, V, Al, etc. (ferrite stabilizers). Bottom right: Schematic of the semi-empirical
phase diagram obtaiden by Hertzman et al using thermodynamic assesment.



Chapter 4

Concluding remarks

In the previous chapter, the results gained through the simulations were presented

and discussed. It must be kept in mind that the reality of the discussed topics is a

complex one, and a simulation model is never an exact representation of reality, but

a construct collected together from the theoretical understanding. However, both

cases are known to agree with experiments: VASP, the simulation code used for the

Ag/Cu simulations, is a widely used code and thus tested under a myriad of condi-

tions, and the agreement between our EMTO results and experiments was notably

good. In situations like this, the simulated result is far from guesswork: we know

that the result is correct by comparing it to experiments, but there is much one can

see in simulations that is not visible in experiments. Time scales several orders of

magnitude shorter can be monitored, and the electronic state of the system is fully

known at each point in space, and time.

The oxidation process of clean Cu(100) surface, with no alloying elements whatso-

ever, is not yet known. The process takes many phases, which should be investigated

in varying time and length scales, and that would require the use of several methods.

After initial oxidation (adsorption of O to the surface) the forming oxide patches

start to grow in a peculiar fashion: elongated islands that are oriented parallel or

perpendicular to each other, start to form [66]. After that a deeper oxide layer is

formed. This information is observable via experiments, but adequate theoretical

explanations, linking the atomistic details and the observed macroscopic features,

do not exist, yet. So, when we add to a field with that many unknowns an additional

phenomenon, namely, the effect of admetals, it gets even more complex.

Therefore, to explain the dynamics of such a case which is an interplay of several

contributing phenomena, understanding of the whole situation must be gathered in

parts, and in a step-by-step manner. When a part of the problem is understood,

the number of unknowns is reduced, and future research can focus on another as-

pect. The additional understanding provided by our studies can be seen to pace

47
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the collective scientific understanding one step further. What we have clearly estab-

lished is this: the presence of Ag on a Cu(100) surface, even in such small quantities

as 11%, clearly inhibits chemisorption of O2. We see in the MD simulations, that

the O2 molecule can steer sideways to a four-fold hollow site, and physisorb there.

If there were a complete Ag overlayer, what would the adsorption dynamics be

then? To answer that, one would have to run a similar simulation, but with a much

larger supercell (because of the c(2 × 10) reconstruction). Since both the exposure

study and the MBSS study indicate that the adsorption of O2 happens even with a

monolayer of Ag, it would be interesting to know how many monolayers one needs

to prevent it, if there is such a limit. As for the oxygen induced reconstruction,

we showcased an ab initio proof that the systems where Ag segregates downwards,

away from the surface, are indeed favoured to systems where Ag is on top of the sur-

face, near the O atoms. What kind of structure is formed when Ag/Cu oxidizes, and

how, is a question that was out of the scope of our studies, and still needs an answer.

In the other half of this study, we studied the phase stability of paramagnetic du-

plex steel alloys. We limited ourselves in high temperatures to be able to treat the

entropies from an equal footing. Moreover, we used rather general approximations

to represent the additional entropy and free energy contributions present. We also

omitted all long-range effects, and the effect of grain boundaries. Still, this is a

rather novel study, because this kind of study has not yet been made (to our knowl-

edge), and our results agree reasonably well with experiments. To extend this study

further, we are conducting a study about the mechanican strength of duplex steels

by calculating surface energies of non-segregated FeCrNi surfaces. After that, one

could calculate surface segregation profiles, which, in turn, would make it possible

for one to perform simulations on how certain chemical reactions occur on the sur-

face. This would be quite a significant addition to the ab initio understanding of

duplex steels, but that would obviously take much work to achieve.

A lot of nature’s mysteries are still unraveled, and it seems that computational

physics has much to give in the future also. After all, all simulation codes are based

on theoretical knowledge of their time, and as time progresses, more experiments

are made and more eloquent theories developed, and thus more accurate simula-

tion models are constructed. Also, as the computational power of (super)computers

increases, more and more complicated simulations can be executed. In this light,

computational physics represents a notable part of the cutting edge of science.

In conclusion, I would like to borrow a beautiful metaphor from Esko Valtaoja:

Even if a single scientist or a group can only achieve so much, by their efforts, they

all contribute to the collective pool of scientific understanding, thus adding their

share, like a grain of sand to the temple of science.
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